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a b s t r a c t 

Nitride-reinforced (HfNbTaTiV) 90 N 10 high-entropy alloy aiming at high-temperature applications is de- 

signed in this paper. Abundant FCC nitride phases are formed in situ in theBCC matrix by arc melt- 

ing technique, without complex deformation or heat treatment. The (HfNbTaTiV) 90 N 10 alloy exhibits a 

remarkable yield strength of 2716 MPa and ultimate compressive strength of 2833 MPa with a plas- 

tic strain of 10% at room temperature. Besides, the alloy remains a high yield strength of 279 MPa at 

1400 °C. The nitride phases play an essential role in maintaining the excellent strength-ductility com- 

bination at room temperature and enhancing the high-temperature softening resistance. Alternating BCC 

and FCC phases possess the semi-coherent interface, which not only strengthens the BCC matrix but also 

promotes the compatible deformation of the duplex microstructure. The lattice coherency structure of 

the semi-coherent interface is conducive to the slip transfer of partial dislocations through the interface, 

which facilitates the accommodation of plastic deformation. The cross-slip of the screw dislocations ef- 

fectively eliminates stress concentration and leads to good ductility of the dual-phase alloy. The results 

demonstrate that the nitride phases achieve coordinate deformation with the matrix without deteriorat- 

ing the ductility of the (HfNbTaTiV) 90 N 10 alloy. 

© 2023 Published by Elsevier Ltd on behalf of The editorial office of Journal of Materials Science & 

Technology. 
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. Introduction 

Refractory high-entropy alloys (RHEAs) with body-centered- 

ubic (BCC) structures are promising high-temperature materials 

wing to their excellent softening resistance. However, most RHEAs 

hat can withstand softening at 1400 °C usually suffer from brit- 

leness at room temperature, which leads to poor processability 

nd limits their applications as high-temperature structural mate- 

ials [ 1 , 2 ]. For instance, although the MoNbTaW RHEA possesses 

 high strength of 421 MPa at 1400 °C [1] , it displays brittle frac-

ure at room temperature. HfNbTaTiZr has a low density and shows 

ood ductility at room temperature, making it a competitive high- 

emperature material. However, the relatively low strength at room 

nd elevated temperature of HfNbTaTiZr RHEA limits its applica- 

ions [3] . Some studies have been carried out to overcome the 

hortcoming of this HEA system. The room-temperature tensile 
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trength of TiZrHfNb HEA was enhanced from 776 to 1110 MPa af- 

er introducing ordered oxygen complexes in the alloy matrix [4] . 

ur previous work demonstrated that the addition of Al 2 O 3 par- 

icles dramatically enhanced the strength of the HfNbTaTiZrV to 

700 MPa at room temperature and 693 MPa at 10 0 0 °C [5] . How-

ver, the plastic strain of this Al 2 O 3 -reinforced HfNbTaTiZrV is only 

% at room temperature. The incoherent interface between the ox- 

de and matrix not only decreases the ductility but also limits the 

oping amount of Al 2 O 3 particles. Therefore, a new strategy needs 

o be developed to design RHEAs with low density to achieve a 

alance of high strength and ductility at both room and elevated 

emperatures. 

Recent studies have shown that dual-phase materials have more 

rivilege in overcoming the strength-ductility trade-off than single- 

hase materials [6–12] . Layered eutectic alloy AlCoCrFeNi 2.1 con- 

ists of alternating soft face-centered-cubic (FCC) and hard B 2 

hases and exhibits a remarkable strength-ductility combination, 

ith an ultimate tensile strength of 1.2 GPa and elongation of 12% 

13] . Through deformation and heat treatment, the L2 1 phase with 

 coherent interface with the BCC matrix formed along the de- 
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ormed shear band in CoNiV medium-entropy alloy, making the 

lloy ultrastrong and ductile [14] . However, due to the high stack- 

ng fault energy and the intrinsic brittleness, the above method- 

logy to improve the mechanical performance of FCC HEAs is not 

uitable for the BCC RHEAs. Some investigations have drawn atten- 

ion to the addition of the ceramic phase in RHEAs. Ceramic parti- 

les such as carbides and nitrides have the intrinsic characteristics 

f high melting point and strength, which are suitable for ultra- 

igh temperature applications. It can be introduced into RHEAs as 

 candidate material to improve the high-temperature softening re- 

istance in extreme conditions. However, poor coordination of the 

nterface between the ceramic particles and the matrix is likely to 

e the origin of crack initiation. 

The key to further improving the strength and conquering se- 

ere brittleness is the content of the ceramic phase and the doping 

ethod. A feasible method is to promote the in-situ precipitation 

f the secondary phase that possesses a coherent or semi-coherent 

rientation relationship with the matrix, which can effectively re- 

uce the elastic mismatch energy between precipitates and matrix, 

nd thus increases the interaction of dislocations due to the low 

nterface energy [14] . For instance, a large amount of C element 

as introduced into the NbMoTaW RHEA to fabricate a dual-phase 

e 0.5 MoNbW(TaC) 0.5 high-entropy composite with lamellar struc- 

ures in situ , and the carbides possess the semi-coherent interface 

ith the matrix [15] . Combining the advantages of HEAs and car- 

ides, the Re 0.5 MoNbW(TaC) 0.5 possesses a high yield strength of 

340 MPa and ultimate compressive strength of 2347 MPa with 

lasticity of 8.90% at ambient temperature. A similar investigation 

as been conducted in the C x (NbMoTaW) 100–x alloy, the strength 

nd ductility of NbMoTaW alloy were improved dramatically due 

o the precipitation of the carbide phase [2] . The nitride has a 

imilar melting point to that of the carbide. Current investigations 

f nitride-reinforced HEAs are about the interstitial strengthening 

rought by a trace amount of addition and show the same effects 

s the C element [ 4 , 16 , 17 ]. However, the effects of the high content

f nitride phase in RHEAs fabricated by arc melting have not yet 

een reported. Designing dual-phase RHEA with coherent nitride 

hases is a promising approach to developing materials with excel- 

ent high-temperature softening resistance, as well as large room- 

emperature strength and ductility. 

Here we design a nitride-reinforced HfNbTaTiV alloy that can be 

trengthened through the formation of a semi-coherent interface 

etween the nitride phase and the matrix. The alloy exhibits high 

trength and large ductility at room temperature, as well as su- 

erior high-temperature strength. Detailed microstructural investi- 

ations are performed to unveil the origins of the mechanical be- 

avior. The coherent interface relationship between the FCC nitride 

hase and BCC phase provides a basis for designing high-strength 

uctile HEAs. 

. Experimental 

The ingots were fabricated by arc-melting a mixture of pure 

etals (purity > 99.9 wt%) for the HfNbTaTiV sample and high- 

urity HfN (99.9 wt%) for the nitride-reinforced (HfNbTaTiV) 90 N 10 

ample in a vacuum induction melting furnace under argon at- 

osphere. Each ingot was remelted six times to obtain a uni- 

ormly distributed composition. The phase constitution of the alloy 

as analyzed by X-ray diffractometer (XRD, Bruker D8-Discover) 

ith Cu K α radiation in a 2 θ range from 20 ° to 100 ° Morphol- 

gy and grain size distribution were characterized via a field emis- 

ion scanning electron microscope (SEM, Sirion) equipped with 

n electron back-scattering diffraction (EBSD) system. The EBSD 

pecimens were prepared by the Vibratory polisher (Buehler Vi- 

roMet 2) for 6 h. The EBSD data was analyzed using the Channel 

 software. The Microstructure of the as-cast and fractured spec- 
32
mens was characterized by scanning transmission electron mi- 

roscopy (STEM, Talos F200X). STEM-High-angle annular dark field 

STEM-HAADF) images were recorded using an annular-type detec- 

or with a collection semi-angle ∼100–269 mrad. Elemental map- 

ings of the samples were acquired by energy-dispersive X-ray 

pectroscopy (EDX). Samples for compression tests were cut to a 

imension of � 2 mm × 4 mm using electrical discharging wire- 

utting and polished using SiC paper. Room-temperature compres- 

ion tests were conducted at a crosshead strain rate of 1 × 10 –3 s –1 

sing a Sans machine (5305), while the high-temperature com- 

ression tests were performed using a Zwick machine (KAPPA 100) 

ith the strain rate of 1 × 10 –3 s –1 under argon atmosphere. Nano- 

ndentation tests were performed at room temperature using a 

ano-indentation tester (NanoTest Vantage) at a maximum load 

f 15 mN with a loading time of 10 s in load-controlled mode. 

 10 μm interval was adopted to exclude possible overlap of the 

eformed zone produced by the adjacent indentations. 

. Results 

.1. Microstructure and orientation relationship 

XRD patterns of the as-cast HfNbTaTiV and nitride-reinforced 

lloy with the nitrogen content ranging from 2 to 12 at.% are 

hown in Figs. 1 (a) and S1 in the Supporting Information. HfNbTa- 

iV alloy shows a single BCC structure, while the nitride-reinforced 

fNbTaTiV is composed of BCC and FCC phases. The peak positions 

f the nitride-reinforced alloy move towards a higher value, in- 

icating a decrease in the average lattice spacing of the matrix. 

his may result from the atoms with larger radii in HfNbTaTiV 

articipating in the formation of the FCC phase. (HfNbTaTiV) 90 N 10 

lloy is chosen as a representative for microstructure characteri- 

ation after nitrogen addition. The calculation of phase diagrams 

or the (HfNbTaTiV) 90 N 10 alloy is based on thermodynamic equilib- 

ium using the Thermo-Calc software and the TCHEA database. The 

alculated phase diagram is shown in Fig. 1 (b), FCC phase starts 

o precipitate at the liquidus temperature of 2750 K. As the liq- 

idus temperature decreases to 2260 K, the BCC phase begins to 

orm, Liquid → FCC + BCC. The liquidus disappears at 2100 K. 

ereafter, the alloy is in the stable two-phase field. Besides, the 

CC and FCC phases show similar volume fractions. SEM-BSE im- 

ges of the HfNbTaTiV and (HfNbTaTiV) 90 N 10 alloys are shown in 

ig. 1 (c, d), respectively. There is obvious dendrite segregation in 

he interior of BCC grains marked by red arrows. As illustrated in 

ig. 1 (d), the FCC grains exhibit a bimodal size distribution for the 

ne needle and blocky phases in the (HfNbTaTiV) 90 N 10 alloy. An 

nlarged view of the needle FCC1 phase is shown in the illustra- 

ion. Abundant needle FCC1 phases are evenly distributed in the 

atrix. No dendrite segregation is observed within the BCC grains. 

ere we name the needle and the blocky FCC as FCC1 and FCC2, 

espectively. The volume fraction of BCC, FCC1, and FCC2 phases of 

HfNbTaTiV) 90 N 10 alloy measured by Image-Pro-Plus software are 

2 vol.%, 26 vol.%, and 22 vol.%, respectively. It is consistent with 

he theoretical value of the phase fraction. 

Fig. 2 shows the EBSD images for the investigated samples. 

ince the step size of EBSD mapping is 100 nm, the FCC1 phase 

as not detected in Fig. 2 . Phase compositions of the as-cast 

fNbTaTiV and (HfNbTaTiV) 90 N 10 alloys are shown in Fig. 2 (a, b), 

espectively. As shown in Fig. 2 (a), HfNbTaTiV alloy exhibits BCC 

hase only, which is consistent with the XRD results. According 

o the phase map in Fig. 2 (b), the (HfNbTaTiV) 90 N 10 alloy consists 

f BCC and blocky FCC2 phases. The addition of nitrogen caused 

ignificant grain refinement and the grain size of the BCC grain 

educed from 89 to 30 μm. Moreover, the BCC matrix and FCC2 

how a Kurdjumov-Sachs (K-S) orientation relationship marked by 

he red lines. The special orientation relationship of the heteroge- 
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Fig. 1. Phase and microstructure characterization. (a) XRD patterns, (b) calculated equilibrium phase diagrams of the (HfNbTaTiV) 90 N 10 alloy, (c, d) SEM-BSE images of the 

as-cast HfNbTaTiV and (HfNbTaTiV) 90 N 10 alloys, respectively. 
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eous interface between metal and nitride can effectively reduce 

he interface energy and improves the coordinated deformation 

bility [18–20] . It can be proved by the value of kernel average 

isorientation (KAM), which coincides with the distribution of dis- 

ocations. As seen in Fig. 2 (c, d), both the as-cast HfNbTaTiV and 

HfNbTaTiV) 90 N 10 exhibit high KAM values near the grain bound- 

ry. The high value of KAM is attributed to the increase in local 

isorientation that is formed due to dislocation accumulation into 

he lattice, whereas the value is relatively small at the K-S interface 

etween the BCC and blocky FCC2 phases [ 14 , 21 ]. 

The nanostructure of the as-cast (HfNbTaTiV) 90 N 10 alloy is ex- 

mined by TEM. Fig. 3 (a) shows the bright-field TEM micrograph of 

he alternate BCC and FCC1 phases. Corresponding EDX maps are 

resented in Fig. 3 (b). The BCC phase is enriched with Nb, Ta, V,

nd a small amount of N elements, while the FCC1 nitride is parti- 

ioned by Hf, Ti, and N elements. Because the atomic size of Hf is 

arger than other elements, the average lattice spacing of the BCC 

atrix is decreased as indicated by the XRD results. As shown in 

ig. 3 (c), in order to reveal the interface structure of BCC and FCC1 

hases, high resolution transmission electron microscopy (HRTEM) 

s used to analyze the interface marked by the red rectangle area 

n Fig. 3 (a). The selected area electron diffraction (SAED) pattern 

s given in Fig. 3 (d). It is noted that the orientation between the

CC matrix and FCC1 phases is close to the K-S crystallographic re- 

ationship while the ( 011 ) BCC // ( 200 ) FCC 1 , [ 01 ̄1 ] BCC // [ 001 ] FCC 1 with 

 mismatch angle of about 4.6 °. Fig. 3 (e) illustrates the inverse 

ast Fourier Transformation (IFFT) image of the interface of the 
p

33 
CC/FCC1 phase marked by a white square in Fig. 3 (c), the inter- 

lanar distance d (011) = 0.241 nm for the BCC phase approximates 

o that of the d (200) = 0.228 nm for the FCC1 phase. The mismatch 

arameter δ between ( 011 ) BCC matrix and ( 200 ) FCC 1 nitride is cal- 

ulated by the following equation: 

= 

2(a α − a β ) 

a α + a β
(1) 

Here, a α and a β represent the lattice constants of phase on 

oth sides of the phase interface, a α > a β . The calculated mismatch 

arameter δ is 0.06, which validates the typical semi-coherent 

tructure of the interface. Compared with the incoherent interface, 

he atomic arrangement on the semi-coherent interface is more or- 

ered, which is conducive to reducing the interface energy. The 

mall mismatch is beneficial to coordinate the two-phase lattice 

onstants and ensure the bonding stability of the interface. Misfit 

islocations can be observed in the interface, which interacts with 

he piled-up dislocations and induces interfacial strengthening. 

TEM analyses of the BCC and FCC2 phases of the as-cast 

HfNbTaTiV) 90 N 10 are given in Fig. 4 . Fig. 4 (a) displays the STEM- 

AADF image of the BCC and FCC2 phases viewed along [ 001 ] BCC 

nd [ 011 ] FCC zone axes. As shown in Table S1 , the FCC2 phase is 

ich in the Hf, Ti, and N elements, and shows a similar composition 

o that of the FCC1 phase. The HRTEM image of the red rectangle 

n Fig. 4 (a) is shown in Fig. 4 (b), revealing the interface of the two

hases viewed along the [ 001 ] BCC // [ 011 ] FCC direction. The SAED 

attern in Fig. 4 (c) reveals the interface between the FCC2 and BCC 
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Fig. 2. EBSD images of the as-cast HfNbTaTiV and (HfNbTaTiV) 90 N 10 alloys. (a, b) Phase maps, (c, d) Kernel average misorientation (KAM) maps. 
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hases also satisfies the K-S orientation i.e. ( 110 ) BCC // ( 111 ) FCC 2 , 

11 BCC // 110 FCC 2 . The atomic strain distribution map of horizontal 

ormal strain is shown in Fig. 4 (d). Due to the mismatch of the

tomic radius caused by nitrogen atoms, substantial atomic strain 

uctuations exist in the (HfNbTaTiV) 90 N 10 . Although the distribu- 

ion of atomic strain fields appears random at the nanoscale, which 

resumably leads to large local internal stresses and thus resis- 

ance to dislocation glide [ 22 , 23 ]. The above results prove that both

CC1 and FCC2 phases have K-S orientation relationship and semi- 

oherent interface with the BCC matrix with the BCC phase. 

.2. Mechanical properties 

Figs. 5 (a) and S2 show the compressive engineering stress- 

train curves of the HfNbTaTiV and nitride-reinforced alloys at var- 

ous temperatures. At ambient temperature, the HfNbTaTiV alloy 

epicts low yield strength of 1036 MPa with plasticity exceeding 

0%. The strength of the alloy improves dramatically with the ad- 

ition of nitrogen and reaches the maximum with 10 at.% nitro- 

en doping. Although the ductility decreases with nitrogen addi- 

ion, a plastic strain of 10% is still acceptable for engineering appli- 

ations. With the further addition of nitrogen to 12 at.%, not only 

he ductility decreases, but the strength of the alloy also decreases. 

hus, the (HfNbTaTiV) 90 N 10 alloy shows the optimal combination 

f yield strength of 2716 MPa and plastic strain of 10%. The exis- 

ence of semi-coherent nitrides enhances the yield strength nearly 

hree times compared to the HfNbTaTiV alloy while maintaining 

ood ductility. The mechanical properties and volume fraction of 

he BCC and FCC phases with various nitrogen content are summa- 
34 
ized in Table S2. The origin of the deteriorated mechanical prop- 

rty of the (HfNbTaTiV) 88 N 12 is the high volume fraction of the 

oarse FCC2 phase. 

Furthermore, (HfNbTaTiV) 90 N 10 possesses a high yield strength 

f 639 MPa at 1200 °C and 279 MPa at 1400 °C. To evaluate the

hase stability of the (HfNbTaTiV) 90 N 10 alloy at high temperatures, 

nnealing tests at 1400 °C for 2 and 6 h were conducted. The XRD 

atterns in Fig. S3(a) demonstrate that the (HfNbTaTiV) 90 N 10 alloy 

aintains the same phase structure before and after the annealing. 

EM image in Fig. S3(b) shows the microstructure of the alloy an- 

ealing at 1400 °C for 6 h. The alloy keeps the same phase struc- 

ure after annealing for 6 h, which indicates the good phase sta- 

ility of the alloy at high temperature and reveals the coarsening 

f FCC1 phase in the grain boundaries is caused by the coupling 

nteraction of high temperature and deformation. 

Fig. 5 (b) compares the mechanical performance at room tem- 

erature of the (HfNbTaTiV) 90 N 10 alloy with other HEAs that 

ave been reported. It clearly indicates that our study has over- 

ome the disadvantage of precipitation strengthening [ 2 , 24–30 ]. 

he yield strength is almost twice of other reported single or 

uple HEAs and still maintains remarkable ductility. The lamel- 

ar carbide phases are usually on a micron scale [ 24 , 31 ]. In

his work, the nanoscale FCC1 phases are evenly distributed in 

he (HfNbTaTiV) 90 N 10 alloy, which produces higher precipitation 

trengthening than that of the carbide phases. Therefore, the 

trength and hardness of the alloy are significantly improved. It 

roduces a higher precipitation-strengthening effect. Therefore, the 

trength and hardness of the alloy are significantly improved. The 

ardness of the Re 0.5 MoNbW(TaC) x ( x = 0–0.6) alloy ranges from 
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Fig. 3. Microstructure of the as-cast (HfNbTaTiV) 90 N 10 alloy. (a) Bright-field TEM image, (b) the corresponding EDX maps of (a), (c) HRTEM image and (d) the SAED pattern 

of the BCC and FCC1 phases, (e) IFFT image of the white square in (c) shows the interface between the BCC and FCC1 phases. 

Fig. 4. STEM images of the as-cast (HfNbTaTiV) 90 N 10 alloy. (a) HAADF-STEM, (b) HRTEM image of red rectangle in (a) shows the interface of the BCC and FCC2 phases, (c) 

FFT pattern of (b), (d) atomic strain distribution map of horizontal normal strain. 

35 
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Fig. 5. Mechanical properties. (a) Compressive engineering stress-strain curves of the HfNbTaTiV at ambient temperature and (HfNbTaTiV) 90 N 10 at various temperatures, 

(b) a general summary of the compressive properties of RHEAs with single or duple phases at room temperature, (c) representative load-displacement curves of the 

(HfNbTaTiV) 90 N 10 alloy shows pop-in events at room temperature, (d) hardness and elastic modulus obtained from nanoindentation tests. 
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72 to 615 HV [31] , while the (HfNbTaTiV) 90 N 10 alloy exhibits 

 higher average hardness of 861 HV. Additionally, the substan- 

ial hard FCC1 phase in the soft BCC matrix imparts an addi- 

ional rigid deformation constraint to BCC grain [32] . This high- 

ensity phase interface significantly improves the deformation re- 

istance, making dislocations difficult to move in BCC grains un- 

il FCC1 phases start to yield. Therefore, the alloy shows a re- 

arkable yield strength. Moreover, compared with the RHEAs that 

an withstand high-temperature compression at 1400 °C, such as 

bMoTaW [1] , NbMoTaWV [1] , and (NbMoTaW) 100–x C x [2] , etc., the 

HfNbTaTiV) 90 N 10 not only shows higher strength and ductility but 

lso has the lowest density (10.56 g cm 

–3 ) due to the addition of

i. It presents the possibility of developing lightweight RHEAs with 

igh strength and sufficient ductility in the application of room 

nd high temperatures. 

Typical load-displacement ( P-h ) curves obtained from nanoin- 

entation tests of (HfNbTaTiV) 90 N 10 at areas with different phases, 

ncluding BCC, FCC1 + BCC, and FCC2 are shown in Fig. 5 (c). The

EM image of the indent on the FCC1 + BCC phases is shown in

he inset of Fig. 5 (c) for clarification. Apparent discrete bursts of 

isplacement termed “pop-in” can be observed in the P-h curves 

f the BCC and BCC + FCC1 phases. The appearance of the first 

op-in phenomenon is mainly related to the sudden activation and 

roliferation of dislocations in the grains. In addition, it represents 

he onset of the incipient plasticity, indicating that the grains be- 

in to yield and enter an elastic-plastic state [33] . As the indent 

epth increases, the fluctuation phenomenon on the subsequent P- 

 curve of the BCC + FCC1 can be observed, which means more 

islocations are activated. It indicates that the alloy transits from 

he blocked to the unblocked state instantaneously during the de- 

ormation process via internal stress. Since the high density of the 
a

36 
CC1 phase within the BCC matrix, the subsequent fluctuation phe- 

omenon is also associated with the accumulation of dislocations 

n front of the semi-coherent interface between BCC and FCC1 

hases, which instantaneously penetrates phase boundaries and 

auses local stress drop [ 34 , 35 ]. It indicates that BCC/FCC1 interface 

s energetically favored in enhancing the work hardening in the 

nitial stage of plastic deformation. As shown in Fig. S4, the calcu- 

ated hardening coefficient of the (HfNbTaTiV) 90 N 10 alloy is 0.681, 

hich is higher than that of the HfNbTaTiV alloy (0.316). However, 

op-in events are severely suppressed in the curves of the FCC2 

hase. The absence of pop-in events in the FCC2 is associated with 

ntrinsic brittleness. Corresponding elastic modulus ( E ) and hard- 

ess are shown in Fig. 5 (d). BCC and FCC2 phases exhibit the E of

71.8 and 228.6 GPa and hardness of 8.9 and 21.1 GPa, respectively. 

ue to the nanoscale grain size and high value of elastic modu- 

us of the FCC1 phase, the BCC + FCC1 displays the highest elastic 

odulus of 276.2 GPa and the highest hardness of 25.8 GPa. Differ- 

nt elastic moduli of alternating phases will introduce extra forces 

n the softer phase, which promotes dislocation movement from 

he softer phase to the harder phase [ 18 , 36 ]. In dual-phase mi-

rostructure, the shear modulus ( G ) has momentous effects on the 

hase interfacial strengthening involving the dislocation-interface 

nteraction [37] . The shear modulus can be derived as: 

 = 

E 

2 ( 1 + υ) 
(2) 

here υ = 0 . 373 is the Poisson’s ratio for the studied 

HfNbTaTiV) 90 N 10 alloy [ 5 , 38 ]. The shear moduli of the BCC, 

CC + FCC1, and FCC2 phases are calculated to be 62.6, 100.6, 

nd 83.2 GPa, respectively. Both FCC1 and FCC2 phases exhibit 

 larger shear modulus than that of the BCC phase. The signifi- 
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Fig. 6. Microstructure of (HfNbTaTiV) 90 N 10 alloy after compressing at 1400 °C at the yield strain. (a) XRD pattern, (b) SEM image, (c) grain orientation difference distribution 

histogram, (d) KAM map. 
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ant shear modulus difference between the two phases increases 

he resistance of the phase interface to dislocation migration 

18] . Therefore, the appearance of the FCC1 and FCC2 phases in- 

reases the strength of the (HfNbTaTiV) 90 N 10 without significantly 

acrificing ductility. 

.3. Microstructure evolution during deformation at 1400 °C 

The microstructure of the (HfNbTaTiV) 90 N 10 alloy after com- 

ressing to the yield point at 1400 °C is shown in Fig. 6 . XRD

attern in Fig. 6 (a) shows the same phase composition as at 

oom temperature, demonstrating no phase transformation oc- 

urred during high-temperature compression. SEM characterization 

n Fig. 6 (b) shows that the needle FCC1 and blocky FCC2 phases 

re retained. The blue rectangle area is enlarged and shown in 

he inset. Due to the enhanced atomic diffusion at high temper- 

tures, only a small amount of needle FCC1 phases surrounded 

n the grain boundaries become coarsened, exhibiting a spheri- 

al morphology. It indicates that the (HfNbTaTiV) 90 N 10 alloy has 

xcellent structural stability during high-temperature deformation. 

he phase map obtained from EBSD is displayed in Fig. 6 (c). The 

atio of low-angle grain boundaries (LAGB) (2 ° to 10 °) and high- 

ngle grain boundaries (HAGB) represented by gray and blue lines 

re 76% and 24%, respectively. The deformation mainly occurs at 

he grain boundaries of the matrix and the interior of the BCC 

rains, which consists of large amounts of LAGBs. In contrast, the 

CC1 and FCC2 phases exhibit excellent softening resistance with 

lmost no deformation morphology. The appearance of HAGBs of 

he equiaxed grains in the BCC grain boundaries indicates the oc- 
37 
urrence of recrystallization. A lower ratio of the HAGBs demon- 

trates that the FCC phase can effectively suppress the recrystal- 

ization softening of the BCC phase [14] . Besides, the FCC2 phases 

till maintain the K-S orientation relationship marked by the red 

ines with the matrix. It proves that the BCC matrix and FCC2 

hase form a relatively stable interface structure to resist high- 

emperature deformation. 

Due to the low energy of the semi-coherent interface, recrystal- 

ization grains tend to nucleate at the grain boundaries of the BCC 

atrix rather than at the interface. Since recrystallization effec- 

ively eliminates the stress concentration, the internal stress at the 

-S interface is higher than that in the recrystallization region af- 

er high-temperature deformation. The corresponding KAM map is 

llustrated in Fig. 6 (d), relatively high geometrically necessary dis- 

ocations (GNDs) density at K-S interfaces and within the deformed 

CC grains are highlighted with yellow and white dash rectangles. 

igh GNDs density at K-S interfaces demonstrates the gradients of 

lastic strain inside the BCC grains and in the K-S interface [19] . 

he results demonstrate that the FCC phase ensures the excellent 

igh-temperature mechanical properties and phase stability of the 

HfNbTaTiV) 90 N 10 alloy. 

. Discussion 

.1. Effects of the semi-coherent interface on the strength-ductility 

ombination 

The interaction of dislocations at the interface plays a predom- 

nant role in the mechanical properties. To unveil the origin of the 
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Fig. 7. STEM observation of dislocations in the (HfNbTaTiV) 90 N 10 alloy in the deformation process at room temperature. (a) 2% strain, (b) 6% strain, (c) 10% strain, (d) enlarged 

HAADF-STEM of the yellow rectangle in (c). 

Fig. 8. Deformation around the FCC2 phase in the (HfNbTaTiV) 90 N 10 alloy after 10% compression at room temperature using the two-beam diffraction with different g 

vectors. (a) g = [1 1 0] and the corresponding SAED, (b) g = [ 110 ] . 
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igh strength and ductility of the (HfNbTaTiV) 90 N 10 alloy, disloca- 

ion configurations are captured at the FCC1 phase in the BCC ma- 

rix area of the samples with the strain of 2%, 6%, and 10% after 

ompressive tests at room temperature, as shown in Fig. 7 . Fig. 7 (a)

isplays the bright-field TEM image of the (HfNbTaTiV) 90 N 10 with 

% strain. Dislocation density is low in the low-strained samples 

nd the semi-coherent interface is the source of dislocation nu- 

leation and emission. As shown in the illustration, the disloca- 
38 
ions initiate at the interface and extend to the BCC matrix. As the 

train increases to 6%, dislocation dipoles and dipolar dislocation 

alls originating from the cross-slip of the screw dislocations are 

ound, as shown in Fig. 7 (b), indicating the plastic deformation of 

HfNbTaTiV) 90 N 10 is dominated by wavy slip. Dipolar walls emerge 

n the vicinity of FCC1, which promotes work hardening and en- 

ures excellent ductility of the (HfNbTaTiV) 90 N 10 alloy at ambient 

emperature [4] . Furthermore, a high density of dislocations was 
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Fig. 9. Typical SEM images of cracks in the (HfNbTaTiV) 90 N 10 alloy. (a) Compressed at ambient temperature with fracture strain, (b) Compressed at 1400 °C with 30% strain, 

multiple microcracks mainly including circle-like and tortuous are highlighted by yellow and blue arrows, respectively, (c) Schematic of the dislocation and microcrack- 

initiation behavior in the (HfNbTaTiV) 90 N 10 . 
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bserved in the BCC phase, suggesting that the plastic deformation 

uring initial deformation is mainly due to dislocation slippage in 

he BCC phase. 

Fig. 7 (c) displays the bright-field TEM image of the 

HfNbTaTiV) 90 N 10 alloy with 10% strain, the dislocation den- 

ity increased rapidly. Massive dislocations (highlighted by the red 

rrow) can also be observed within the FCC1 phases. The entan- 

led dislocations at a short distance show different dislocation 

ensities, indicating the localization of plasticity in the FCC1 phase 

uring the deformation process and the co-deformation of the BCC 

nd FCC1 phases [19] . The enlarged view of the yellow rectangle 

n Fig. 7 (c) is illustrated in Fig. 7 (d). HAADF-STEM image shown 

n Fig. 7 (d) demonstrates that partial dislocations are blocked on 

ne side of the BCC/FCC1 interface, while others can cross the 

CC/FCC1 interface (marked by the yellow arrow). The existence 

f the semi-coherent interface effectively reduces the stress con- 

entration caused by dislocation pile-up [39] . Accordingly, the 

HfNbTaTiV) 90 N 10 alloy exhibits extremely high strength. 

Fig. 8 (a) is the bright-field image of the interface between BCC 

nd FCC2 phases after compressing at room temperature with 10% 

train and the corresponding SAED. Since the FCC2 with a large 

ize cannot coordinate the deformation with the matrix, there are 

ew dislocations within the FCC2 phase. High-density dislocations 
39 
re pinned at the interface of the BCC and FCC2 phases. Multi- 

le dislocation entanglements can be observed. Partial dislocations 

ove along the K-S interface in the same direction and are pinned 

y the BCC matrix, leaving a large number of dislocation loops 

marked by a yellow arrow). There is no interaction between these 

islocation loops, which promotes the nucleation and proliferation 

f dislocations. The cross slip of dislocations effectively alleviates 

train localization in the plastic deformation [ 23 , 40 ]. Furthermore, 

o precipitation particle is found at the pinning position, indicat- 

ng high lattice friction caused considerable resistance to disloca- 

ion glide in the BCC matrix, which is related to the pinning effects 

aused by chemical fluctuation in the (HfNbTaTiV) 90 N 10 alloy. 

The dislocations type near the BCC/FCC2 interface is identi- 

ed by the extinction criterion g ·b = 0 and g ·b × u = 0, where

 and b are the operation reflection and Burgers vector, respec- 

ively [23] , and u represents the direction of the dislocation line. 

ig. 8 (a) shows the morphology of the dislocations using the 

wo-beam conditions with g = [ 1 ̄1 0 ] in the (HfNbTaTiV) 90 N 10 af- 

er 10% compression. It is completely invisible under g = [ 110 ] 

long [ 001 ] zone axis in Fig. 8 (b). Based on the extinction criterion, 

hese dislocations in the BCC matrix are screw dislocations with 

he Burgers vector of b = 1/2 〈 111 〉 . The GND density ρ can be

alculated according to the equation: ρ = 2 
√ 

3 ε/db, the grain di- 
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meter d and micro-strain ε can be calculated from the XRD peak 

roadening ( B ) using the Williamsone-Hall equation [41] : 

 cos θB = 

Kλ

d 
+ ε sin θB (3) 

Here, θB is the Bragg angle, λ is the wavelength of Cu K α radi- 

tion (0.154 nm), and K is constant. The values of dislocation den- 

ity in the BCC matrix for (HfNbTaTiV) 90 N 10 are calculated to be 

.71 × 10 14 m 

–2 . This high density of dislocations in the BCC ma- 

rix can not only improve the yield strength but also improve the 

uctility through the proliferation and movement characteristics. 

.2. Crack-evolution mechanisms for the (HfNbTaTiV) 90 N 10 alloy 

The crack propagation in the (HfNbTaTiV) 90 N 10 alloy after com- 

ression testing at 25 and 1400 °C are analyzed by SEM and shown 

n Fig. 9 . As shown in Fig. 9 (a), compressed at ambient temper-

ture, the cracks in the (HfNbTaTiV) 90 N 10 are found to initiate 

ithin the hard FCC2 phase rather than at phase boundaries or in 

he BCC phase. Consequently, the decrease in ductility is due to the 

ntrinsic brittleness of the FCC2 phase [42] . The microstructure of 

he (HfNbTaTiV) 90 N 10 after being compressed at 1400 °C with 30% 

train is shown in Fig. 9 (b). The morphology of the needle struc- 

ure is retained. Multiple blunted microcracks mainly can be ob- 

erved propagated at the BCC and FCC2 interfaces instead of large 

racks, indicating that the BCC phase may attribute to retard the 

rack propagation by absorbing the strain energy around the crack 

ip and causing the crack blunting [ 12 , 24 ]. Therefore, the multi-

hase structure with alternating hard brittle, and softer phases is 

he key to the excellent combination of strength and ductility at 

oom and high temperatures. 

(HfNbTaTiV) 90 N 10 alloy shows the same fracture mechanism 

t room temperature and high temperature. Crack evolution dur- 

ng the compression process can be schematically illustrated in 

ig. 9 (c). The (HfNbTaTiV) 90 N 10 consists of BCC, FCC1, and FCC2 

hases. Dislocations originate from the interface to activate the 

lastic deformation of the BCC phase in the initial deformation 

18] . Despite the high strength and hardness of the FCC1, it can 

till undergo plastic deformation. It is distinct from the traditional 

ntermetallic precipitates that cannot withstand too much plastic- 

ty. In addition, part of the dislocations can be transferred across 

he BCC/FCC1 interface. Certainly, due to the large size of the FCC2 

hase, it is easy to initiate intrinsic microcracks. As the strain in- 

reases, the cross slip of screw dislocation effectively reduces the 

ocal stress and improves the ductility, which is beneficial to re- 

ieve the accumulation of damage caused by the deformation in- 

ompatibility between the BCC and FCC2 phases [39] . However, 

ince the stress concentration near the interface intensifies, the 

islocations no longer adapt to plastic deformation. Cracks in the 

CC2 phase propagate into the matrix. The softer matrix delays 

rack propagation and results in blunting of the crack tip [ 24 , 42 ].

lunted cracks with circles and tortuous morphology can be ob- 

erved. Thereafter, cracks start to appear in the FCC1 phase as the 

eformation strain increases. Therefore, the (HfNbTaTiV) 90 N 10 alloy 

ith alternating softer and hard phases not only strengthens the 

CC matrix but also coordinates the overall plastic deformation at 

mbient temperature. 

. Conclusion 

In summary, nitride-reinforced HfNbTaTiV RHEA with ultrahigh 

trength and ductility at room and high temperatures was fabri- 

ated by arc melting. (HfNbTaTiV) 90 N 10 is composed of the BCC 

atrix and FCC nitride phases. The semi-coherent interface be- 

ween the BCC and FCC phases promotes the proliferation of dis- 

ocations and the cross slip of screw dislocations, which reduces 
40 
he stress concentration and provides strong strain hardening. The 

itride phase significantly improves the high-temperature soft- 

ning resistance. Therefore, the (HfNbTaTiV) 90 N 10 overcomes the 

trength-ductility trade-off at room temperature, showing ultra- 

igh yield strength of 2716 MPa and large plasticity of 10%. Besides, 

he alloy exhibits a high yield strength of 639 MPa at 1200 °C and 

79 MPa at 1400 °C. No phase transformation appeared after high- 

emperature compressing, which indicates the excellent high tem- 

erature stability. (HfNbTaTiV) 90 N 10 with a multiphase heteroge- 

eous structure realizes the coordinated deformation of the high 

elting point hard nitride phase and the high-entropy metallic 

hase. The alloy with low density exhibits high strength and large 

uctility at room temperature, providing a new strategy to solve 

he brittleness of RHEAs at ambient temperature. 
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